Defects in thin oxide films on metal substrates affect metal work function and determine the chemical and physical properties of an oxide. However, accurately predicting properties of these heterogeneous systems is still challenging. Here we use a new approach to treat a mixed metal/metal oxide system within density functional theory, which is based on the application of the auxiliary density matrix method [J. Chem. Theory and Comput. 2010, 6, 2348] 
system as a function of the MgO film morphology as well as charge state, position and density of oxygen vacancies. An accurate band alignment between metal and oxide allows us to predict the relative stabilities of different charge states of oxygen vacancies in MgO as a function of their position with respect to the interface with Ag. Our results confirm that F + centers are the most stable defects at terrace sites of MgO clusters and show that F 0 and F + centres can have comparable energies at low-coordinated sites, such as steps and corners. They show how thin oxide film roughness as well as oxygen deficiency can affect the metal work function.
Introduction
Interfaces between metals and metal oxides are ubiquitous in nature and technology. Metal oxides are used to host metal nanoclusters in heterogeneous catalysis, 1 as substrates for metal nanoparticle deposition, 2 and in microelectronic devices. 3 Thin oxide films on well-defined metal surfaces form hybrid systems with applications in novel electronic and magnetic devices, chemical sensors, and as functional coating systems. 4 The interaction between metal oxide and metal substrate affects both the geometrical and electronic structures of oxide film and its performance in devices. For example, the property of metal oxide films to modify work function (WF) of metal substrates has been studied extensively both experimentally [5] [6] [7] [8] and theoretically. [9] [10] [11] [12] The two main contributions to the change of metal work function include compressive electrostatic effect and charge transfer at the interface. 10 The first contribution originates from Pauli's pushback effect, that the electron density which spills out of the metal surface is pushed back into the metal by the metal oxide thin film due to the Pauli repulsion. This decreases the surface dipole and thus the metal WF. The second contribution involves electron transfer across the interface. Such a transfer from the metal to the metal oxide thin film creates a dipole towards the metal and increases metal WF and mutatis mutandis. 13 Charged defects in the oxide film can further affect the metal WF. 4 Thin, 2-4 monolayer oxide films are often rough and consist of metal oxide islands separated by metal patches. 14, 15 Experimentally, the shift of the metal WF induced by a dielectric thin film can be measured by different techniques, [14] [15] [16] [17] [18] [19] such as Kelvin probe microscopy, scanning tunneling microscopy (STM) and field emission resonance (FER), all of which average the WF over a surface area of at least several hundred nm 2 . 6 Most of the previous studies discussed the mechanism of metal work function shift induced by a thin layer of dielectric films based on ideal slab models. In this paper we will focus on other factors affecting experimentally measured shifts of metal work function, such as roughness and defectiveness of the oxide film. An insight into how these factors can affect metal WF could help to achieve better control over the electronic properties of interfaces and allow them to be tuned as desired.
As an example we have chosen a relatively simple and well-studied system, MgO/Ag(001), the properties of which have recently been reviewed in detail. 20 In this paper, we used a partitioning of the system based on the auxiliary density matrix method (ADMM) 26 implemented in the recent version of the CP2K code. 27 This method allows us to treat the metal at GGA level and the oxide at hybrid DFT level within the same calculation of the MgO/Ag(001) interface model. The efficiency of this approach, and of the underlying CP2K code, allow us to investigate large irregular systems such as MgO clusters on silver. The paper is organized as follows. In Section 2 we describe our methods and compare the performance of our approach with GGA and hybrid DFT on several important parameters, such as lattice constant, metal WF and metal oxide band gap. In Section 3, we present our results on the shift of the WF of Ag(001) as a function of MgO film roughness and presence of oxygen vacancies and consider the effect of under-coordinated sites at cluster edges and corners; and in Section 4, we provide discussion and conclusions.
Methods
All calculations in this study are performed using the CP2K code, 27 which uses Gaussian basis set complemented by an auxiliary plane wave basis. 28 We used a double- polarization quality
Gaussian basis sets (DZVP-MOLOPT-SR-GTH) and a 350 Ry plane wave cutoff for the auxiliary grid. 28 PBE and PBE0 density functionals were used as described below, the hybrid PBE0 functional containing the original 25% of Hartree Fock exchange.
Calculations were performed using a periodic model in the Γ point approximation. In order to compensate for the lack of k-point sampling, 4x4x4 and 3x3x3 supercells were constructed for code in principle allows one to use different methods for different atoms in a combined system through using different auxiliary basis sets for calculating HFX in different parts of the system.
As a method initially designed to accelerate HFX calculations, ADMM works by exploiting the different interaction range of Hartree-Fock exchange from that of the underlying GGA functional in a hybrid DFT calculation. A good quality primary basis-set (e.g. MOLOPT basis set 28 ) is used for the GGA calculation, but is approximated by that of an auxiliary basis set, which is much smaller in terms of size and spatial extent, for the calculation of the HFX term. To improve the approximation, a correction term of the difference in exchange energy of the GGA functional between the primary and auxiliary basis sets is applied. The hope is that this difference in Hartree-Fock exchange energy with change of basis set is well accounted for by the GGA exchange functional.
There is considerable flexibility in how to construct auxiliary basis sets, depending on specific systems. 26 We opt to use three Gaussian exponents on each valence orbital (FIT3) optimized in atomic calculations. This approximation was shown to give good results for a variety of systems including the GMTKN24 Database 26 and behaves similarly well for MgO, see Table 1 . In its simplest form, the auxiliary density matrix is formed by projecting the Kohn-Sham orbitals of the primary basis-set onto the auxiliary. More sophisticated methods restore the idempotency (or equivalently the orthonormality of the auxiliary Kohn-Sham orbitals) of the formed auxiliary density matrix. By using the known projectors connecting the two density matrices (Pprimary, Pauxiliary), it is possible to form the complete Kohn-Sham matrix, K, for the system from the energy,
and carry out self-consistent calculations in the normal manner.
The use of the ADMM method not only accelerates HFX calculations in CP2K, but also provides an additional degree of control over the computational procedure, which one can exploit.
For example, we can construct different auxiliary basis sets for different atoms in a system, so that different amounts of HFX are calculated for different atoms. In the case of MgO on Ag(001),
we can use FIT3 auxiliary basis-set for MgO and another auxiliary basis-set for Ag. As mentioned earlier, a preferable choice would be to treat Ag with just PBE, i.e. with zero percent of HFX mixed into the functional. To do this, we designed an auxiliary basis set for Ag with only one Gaussian exponent for each Ag atom and denote this auxiliary basis set as MIN. In this way, there is almost no contribution to the auxiliary density matrix from Ag atoms, which effectively results in using the PBE functional for the Ag part of the system. Note that recently an approach has been reported with the WIEN2k code, 30 in which the exact exchange is only applied for selected atomic orbitals inside given atomic spheres.
In very rare situations we impose PBE0 on Ag, in which we would have to use an aug-FIT3 quality 26 auxiliary basis set (3 Gaussian exponents on each valence orbital plus augmented diffuse functions, which leads to a total of 9 exponents on each Ag atom) due to the extended nature of Ag charge density in a metallic environment. Such calculations are very timeconsuming and not feasible for the extensive studies required here. This prohibitive computational cost to accurately calculate HFX in the metal is a further motivation for the mixed functional approach adopted here. For all calculations involving metallic Ag, Fermi-Dirac smearing is used with an electronic temperature of 3000 K to accelerate convergence to selfconsistency.
Results of Calculations

Shift of the Ag work function: perfect MgO slab
The calculated values of  and  for the perfect MgO/Ag (001) To understand the reasons behind this, we carried out geometry optimizations using CP2K and the plane-wave VASP code, 34 using both GGA and GGA with empirical dispersion corrections.
The VASP PBE calculations using plane-wave basis sets are in agreement with the literature 9 with an Ag-O distance of 2.70 Å, but the inclusion of Grimme's D2 dispersion correction 35 led to a significant reduction of Ag-O distance to 2.50 Å. The combination of PBE+D2 with Mg cations is likely to overestimate the dispersion interaction here. 36 Indeed, the inclusion of Grimme's most recent D3 correction, 37 which is less empirical and provides better description to dispersion interaction than the D2 correction that overestimates midrange dispersion, gives an Ag-O distance of 2.62 Å. Although these calculations were carried out with fixed geometry within Ag and MgO layers, they clearly demonstrate the importance of the dispersion correction.
The full geometry optimization in CP2K PBE calculation with the D2 correction led to reduction in the interface Ag-O distance -from 2.58 Å to 2.49 Å. However, the inclusion of the D3 correction, 37 gives almost the same interface Ag-O distance as that obtained without any empirical dispersion correction -at the 2.58 Å separation the D3 dispersion force is too week to change the MgO -Ag(001) distance. The difference between PBE, PBE-D2 and PBE-D3
suggests that using localized basis-sets we fortuitously arrived at a good agreement with the experimentally measured Ag -MgO distance through basis set superposition error mimicking the missing dispersion interactions. The basis sets we used give excellent properties for the individual materials, but the weak interfacial interaction here is a challenging test to describe accurately using such functions. The situation would be less severe in more strongly interacting systems.
The shorter interface distance means a larger compression of the electron density in Ag, which results in a more pronounced reduction of the work function (in both plane wave and local basis set calculations), which is the main reason why our value is bigger than previous theoretical value 10 by about 0.5 eV. To further confirm that our larger value is mainly due to a shorter interface distance, we calculated  based on a bigger interface distance, e.g. 
Shift of the work function: MgO islands
As mentioned earlier, the experimentally measured  is averaged over the probe area, and hence, depending on the size of the probe, different areas are used for averaging. For example, the radius of averaging area of Kelvin probe measurements is about 15-30 nm, 6 which is larger than the typical size of MgO islands in these experiments. This means that, if the experimental  averages over MgO islands and patches of bare Ag(001) surface, it might be smaller than the shift from a perfect MgO film.
To mimic incomplete coverage, we considered MgO clusters on top of the Ag(001) substrate.
This has an added benefit as optimizing the geometry of a cluster allows one to release the strain due to the lattice mismatch between MgO and Ag(001), which is otherwise present in the slab calculations. To simulate different coverages, we consider 3x3, 4x4 and 5x5 MgO clusters on top of a 6x6 Ag(001) periodic cell (see Figure 1 ). This corresponds to coverages of 17%, 34% and 56%, respectively. We note that the corresponding periodic cells include up to 324, 408 and 516 atoms, respectively, and such calculations are currently feasible only due to the efficient hybrid scheme described above.
The calculated  values for different coverages of MgO on Ag(001) are summarized in Table   3 , where we also include the data for the perfect MgO slab (100% coverage) for comparison.
One can see that  increases roughly linearly with the MgO coverage, and for an MgO cluster covering 56% of the surface area of Ag(001), our calculated  is within the range of experimental values. This suggests that in some of the measurements the samples either exhibit only partial coverage, or there exist interface/electron trapping sites affecting  that have not yet been identified.
In Table 3 , we also list the average Ag-O distances at the interface for Ag(001) surface with different MgO coverage. One can see that the interface distance increases with the MgO coverage due to increased strain energy. The shorter interface distance results in a more pronounced reduction of the WF and deviation from linearity with coverage, however, this is a less important factor than the coverage change itself.
Relative stabilities of F centers
Oxygen vacancies or F centers can be present in MgO films either as a result of film preparation or irradiation by photons or electrons. 23 It has been suggested that positively charged F centers can shift the local potential, 6 and that electron trapping at surface F centers increases local electron densities above the surface. 6 Both of these effects will affect the shift of the Due to technical limitations, we are unable to routinely optimize the whole interface structure using our hybrid PBE/PBE0 scheme. Therefore, we used the following approach. First, we optimize the whole stoichiometric interface structure (either MgO slab or MgO cluster on the Ag(001) substrate) without any defect with PBE. Then we fix the interface layer of MgO, create an O vacancy in different layers (surface, second, and third, for the case when we have an MgO cluster with four layers) and at different positions in MgO clusters, and optimize the geometry of different charge states of an F center in an isolated (unsupported) MgO slab/cluster with PBE0.
Finally, we put the optimized MgO clusters back on to the Ag(001) substrate, using the same positions and interface distances obtained from PBE geometry optimizations, and calculate the electronic structure of the whole interface with the mixed PBE/PBE0 method.
We stress that the total number of electrons in each MgO/Ag(001) system considered remains constant independent of the F center charge state and corresponds to two electrons in the oxygen vacancy. Thus the overall system is neutral and no special precautions are needed to deal with the electrostatics. However, electron transfer into Ag may cause less than two electrons to occupy the defect in the combined interface system. The amount of electron transfer can be controlled by distorting the local geometry around a defect in the correspondence with a desired charge state. This allows a direct comparison of the total energies of the system in different defect charge states. Fig. 2b ).
The PESs for F centers in the surface, as well as in the second and third layers of a 3x3
MgO(4L) cluster on a 6x6 Ag(001) slab are shown in Figure 2a . One can see that in all three cases, the total energy of the system with the F + center is lower than these with Contrary to the terrace sites, the energies of F 0 and F + centers at the corner of the MgO(3x3)
cluster on Ag(001) differ only by 0.02 eV, and are more stable than the F 2+ center by more than 0.6 eV. However, F 0 centers at the cluster edge are more stable than F + centers by about 0.05 eV.
To check how these results depend on the MgO cluster size, we have also considered the relative stabilities of F centers at different sites in a much bigger MgO(5x5) cluster on the Ag(001) slab (see Table 4 ). 
Shift of the work function: F centers
The WF change  of Ag (001) in the surface layer, with the geometries of isolated and combined systems being the same.
The introduction of a surface F 0 center in MgO changes  very little compared to the perfect MgO slab on Ag(001). As one can see in Figure 3 , the electron density differences for the perfect slab and the slab with the surface F 0 center are very similar, which explains this small change.
On the other hand, positively charged surface F + or F 2+ centers increase  by about 0.71 eV and 1.21 eV, correspondingly, due to the local polarisation around the oxygen vacancy clearly seen in Figure 3 . Note that the total number of electrons is conserved in Figure 3 , which means that in comparison with the surface F 0 center, electron density is transferred from MgO into Ag substrate in the cases of the surface F + and F 2+ centers. This results in the formation of a dipole layer towards MgO, reduction of the effective work function, and hence in further increase of .
It should also be pointed out that the electron density differences in the interface region are almost the same for all the four cases in Figure 3 . This is due to the fact that the amount of electron transfer across the interface is still small compared to the total number of electrons in Ag (around 0.1%).
To find how the concentration of F centers will affect  we compare the results for the 4x4
MgO/Ag(001) slab with that for the 6x6 slab where the defect density is about 1.6x10 13 defects/cm 2 , less than half of that of a 4x4 slab. As one can see in Table 5 , the  for the 6x6 slab is reduced to about half of that of a 4x4 slab, for both F + and F 2+ centers. Finally,  also depends on the actual positions of F centers in the MgO slab or in a surface island, e.g. on the distance to Ag substrate and the number of nearest neighbors. The  values for F centers at different positions in an MgO cluster shown Figure 4 are summarized in Table 6 . One can see that in most cases, for the same charge state,  at different positions differ by less than 0.15 eV.
This indicates that for three layers of MgO, the actual position of an F center is less important in determining than the charge state.
Finally, we note that at a relatively high coverage, e.g. 56%, of MgO on Ag(001), the adjacent periodic images of MgO clusters interact with each other. For example, an F center at a corner site might be affected by a dipole moment at an Mg corner at about 6 Å away in the next unit cell (see Figure 4 ). This effect proves to be still quite small for the properties discussed above.
Taking F + center at a corner site as an example, for a 3x3 MgO cluster on a 6x6 Ag(001) slab, the energy levels of occupied and unoccupied states are 1.32 eV below and 0.54 eV above the Fermi level, respectively, and for the 5x5 MgO cluster on the 6x6 Ag(001) slab, the corresponding values are 1.37 eV and 0.50 eV, respectively.
Discussion and Conclusions
We have employed a novel computational scheme to allow efficient hybrid functional calculations in the solid state and to model a mixed metal/metal oxide system. This approach is based on using the ADMM 26 to evaluate the exchange interaction at a sharp interface between the two materials, and is exploiting the flexibility allowed by localised basis sets to only calculate HFX for parts of the system of interest. It is applied to calculate the shift of the WF of
Ag (001) should be taken when it is applied to strongly interacting interface systems.
For the perfect MgO/Ag(001) slab system we observe that the calculated Ag -MgO distance (all our interface geometries were obtained at GGA level) is much shorter than obtained by the plane-wave GGA calculations, but close to the experimental data from EXAFS. 32 Our calculations demonstrate that the discrepancy between the converged plane wave calculations and experiment is in this case likely to stem from the neglect of non-local dispersion interactions.
For an interface with little charge transfer or covalent binding character these interactions can make a significant contribution to the adhesive energy and strongly affect metal/metal oxide distances. 39 We are investigating this effect in more detail, but feel confident that the geometries obtained in this paper and the consequent increase in the work-function shift compared to previous calculations are physical.
The  obtained with this distance is significantly larger than that measured in different experiments made on rough MgO/Ag(001) systems with partial coverage of Ag(001) surface by
MgO islands. We demonstrate that one can obtain a good agreement with the experimental values of  at about 50-60% percent coverage of Ag(001) by three or four layer MgO islands.
We also report on the stability of different charge states of the F centers on top of MgO terraces as well as inside MgO clusters.
To compare our results with those described in the discussion of STS measurements in Ref. 23, we have also calculated one-electron defect levels of oxygen vacancies at different positions in a 5x5 MgO cluster supported on a 6x6 Ag(001) slab (see Figure 5a) . We note at this point that our calculations correspond to the constant number of electrons in the MgO/Ag(001) system and more accurate comparison to the STS measurements 23 Apart from the vacancy states, the under-coordinated cluster atoms also give rise to states in the MgO gap. 41 In particular, the occupied states of under-coordinated oxygen atoms at corner sites (see Figure 5b) have energy levels about 2.3~2.4 eV, for clusters with F 0 centers, and about 2.5~2.6 eV, for clusters with F + centers, below the Fermi level, respectively (see Figure 5a ). We note that these states are mainly localised on specific under-coordinated oxygen atoms at corner sites but also spread over other under-coordinated oxygen atoms nearby (see Figure 5b ).
Therefore their energies are not very sensitive to the MgO cluster size. However, the presence of an F + center in the cluster shifts the energies of under-coordinated corner oxygen states down by about 0.2 eV, comparing with the F 0 center. Low coordinated sites of MgO nanoclusters, such as corners and kinks, have been shown to serve as electron traps. 41 However, in the case of the MgO cluster on the Ag(001) substrate, we find that energies of extra electrons are much higher than the Ag Fermi level and corners and kinks are not stable electron traps.
To summarize, our ability to examine more realistic models of the MgO/Ag interface has been facilitated by both the efficient hybrid functional scheme within CP2K and our further approximation that neglects HFX within the metal. Using more sophisticated models and hybrid functionals in interface simulations will facilitate our understanding of these systems. We also re-raise the question of the importance of dispersion interactions in modelling the structure and properties of metal/metal oxide interfaces. 
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